Metallurgical and mechanical responses to the introduction of carbon and/or nitrogen have been investigated for alloys 16NiCrMo13 and 23MnCrMo5 through atmospheric pressure carbonitriding, carburizing and austenitic nitriding. Treatments were performed at 1173 K using CO − H 2 and/or NH 3 based atmospheres. As-quenched hardness is studied in terms of solid solution interstitial content, which is estimated from electron probe micro-analyses and thermodynamic simulations. This aims to quantify high-temperature precipitation of nitrides, which is accompanied by consumption of nitrogen in solid solution. Plots of as-quenched hardness versus the square root of the total content expressed in atomic fraction of interstitial elements, i.e. the sum of solution carbon and nitrogen, show the complementary character of these elements in determining the mechanical properties of the as-quenched alloys. Tempering of carbon-nitrogen martensite -for both carbonitriding and austenitic nitriding -led to lower hardness loss when compared to the same total content of interstitial carbon in martensite. Transmission electron microscopy analyses highlight precipitation of fine Fe 16 N 2 zones in the nitrogen-rich depth.
Introduction
Carbonitriding is an austenitic field case hardening process generally conducted from 1073 K to 1173 K [1, 2] through the introduction of carbon and nitrogen into iron, low-carbon low-alloy steels and powder metallurgy parts. It is often performed on power transmission parts, such as gears, which are submitted to structural and surface fatigue operating conditions. Aiming at the required properties, carbonitrided parts are quenched [3] to outcome the strain energy required by martensite transformation [4] . This leads to a hard and brittle lath martensite microstructure, which is typically tempered prior to application. Thus, the understanding of attainable mechanical properties is based on carbon-nitrogen martensite behavior. Conversely to nitrogen effects [5, 6] , much has been reported about the role of carbon on martensite transformation of steels [7] . For nitrogen martensite, literature remains mostly limited to the Fe-N system, for which metallurgical transformations through tempering and room temperature aging are established [8] [9] [10] [11] [12] [13] [14] [15] . Although the as-quenched behavior of carbon martensite can be readily described in terms of interstitial content [7, [16] [17] [18] , nitrogen effects are not often reported. It has been proposed that for typical treatment durations, precipitation of nitrides does not reach the equilibrium fractions computed with some of the currently available thermodynamic databases [5] . Thus, elemental partitioning [19] between matrix and nitrides formed during alloy enrichment plays a role on the nature and fractions of possible phases formed during tempering, leading to a series of more complex mechanisms which will be discussed throughout the text. Intending to explore metallurgical responses rather than process parameters, which may be found in reference papers [1, 20] , this work focuses on carbonitriding as a sequence of carburizing and nitriding steps, even though simultaneous enrichment in both interstitial elements is the long-term established industrial practice of atmospheric process. Nitrogen solubility at treatment temperature is drastically reduced by the presence of alloying elements such as chromium and manganese and precipitation of nitrides takes place already during enrichment. Thus, the effective nitrogen hardening effect is linked to the reminiscent interstitial nitrogen, which also reduces the critical cooling rate for quenching, leading to a more consistent martensite transformation. Experimental studies supported by Thermo-Calc [21] thermodynamic simulations of steels composition after treatments were conducted. Hardening responses to carburizing and austenitic nitriding are compared to carbonitriding results. Diffusion profiles are correlated with local hardness and microstructure. Dictra [21, 22] simulations are used for predicting MN-nitrides precipitation along the diffusion profile, thus, incorporating nitrogen in the as-quenched hardness model [16, 17] .
Experimental methods

Treatment parameters
Metallurgical responses to thermochemical treatments -carburizing, austenitic nitriding and carbonitriding -of alloys given in Tab. 1 are studied. Specimens with dimensions of 40 mm × 14 mm × 4 mm taken from wrought bars are polished up to 1200 grit sandpaper prior to enrichment. Processing is then carried out in a vertical flow reactor with diameter of 50 mm and 100 mm isothermal length at the setup temperature. Since the studied alloys do not contain intentionally added grain growth stabilizers, in order to optimize process kinetics without compromising austenitic grain size [23] , a temperature of 1173 K is adopted for all treatments. Heating is carried out under inert atmosphere consisting of N 2 − 0.2 H 2 with total flow rate of 500 cm . A carburizing atmosphere based on CO − H 2 , controlled through dew point measurement [24] , has been designed to promote carbon surface saturation. Nitrogen enrichment is conducted through an ammonia/cracked ammonia atmosphere. Diffusion steps as well as tempering times and temperatures are given in Tab. 2. After treatment, samples are immediately oil quenched (298 K) and submitted to cryogenic treatment in boiling nitrogen (77 K). Tempering is then conducted under the same atmosphere employed during heating stage.
Materials characterization
Treated samples are cross-sectioned and epoxy resin hot mounted prior to analysis. Grinding is followed by progressive alumina polishing until particle size below 0.5 µm. Visible-light microscopy (VLM) assessment of microstructure and mechanical property measurement through Vickers micro-hardness testing under a load of 300 gf (HV0.3) are carried out. Chemical microanalyses of diffusion profiles are conducted through Jeol JXA-8530F electron probe micro analyzer (EPMA) using the same calibration techniques described by Catteau et al. [5] . Identification of both high and low temperature precipitates, i.e. those formed during enrichment and those formed during temper, respectively, is realized through transmission electron microscopy (TEM) using a Jeol ARM-200F equipment operating at 200 kV. High temperature precipitates composition and distributions are identified semi-quantitatively by energy dispersion x-ray spectroscopy (EDS). Precipitates structure is identified by electron diffraction.
Results
Effects of cryogenic treatment over retained austenite (γ r ) decomposition after carbonitriding of alloy 16NiCrMo13 are presented in Fig. 1 , showing equivalent regions before and after cryogenic treatment along with local composition. This representation is proposed in order to provide understanding of γ r content in terms of interstitial elements mass fractions and will later be related to the H-point composition [15] . Quantification by VLM image analysis in the cross-section gives a fraction of γ r around 35% in the region comprised between the surface and a depth of 200 µm. Figure 3 summarizes measured as well as simulated diffusion profiles for all treatment setups. Under the same operating conditions, i.e. same nitriding potential [25] , surface nitrogen for alloy 16NiCrMo13 did not reach 0.4 wt.% N while alloy 23MnCrMo5 exceeds 0.6 wt.% N. Carbonitrided samples of both materials show the same carbon profile shape but with reasonably lower surface content than the simulated values. A similar surface carbon decrease is observed in nitrided samples, remarkably for alloy 23MnCrMo5 due to its higher initial content, without any accumulation peak toward the core. Experimental composition profiles are then used as input for local equilibrium computations at enrichment temperatures using Thermo-Calc [21] database TCFE7. Such simulations provide the total solid solu- tion atomic fraction x i for carbon and nitrogen, which is then used to plot hardness -in the as-quenched and after cryogenic treatment conditions -versus x 0.5 i , the square root of this quantity, as shown in Fig. 4 . This method makes no distinction between treatments since it is resorted to evidence the complementary character of interstitial elements. Three distinct behaviors are depicted in Fig. 4 : (i) a linear dependence of hardness with x i up to a value of 0.16 (corresponding to around 0.55-0.60 wt.% of interstitials) which is followed by (ii) a hardening plateau until around 0.19 (0.90 wt.% of interstitials) and then (iii) a strong hardness decrease for higher contents. These points beyond the so-called Hpoint were obtained from high carbon samples, which were quenched directly after enrichment for illustration purposes and correspond to the microstructure presented in Fig. 1 . Next, Fig. 5 shows the tempering behavior of the cryogenic quenched samples with diffusion profiles given in Fig. 3 -except for nitrided samples, which are discussed apart. For alloy 16NiCrMo13 the maximum hardness attained by cryogenic quenching was around 750 HV0.3 while for alloy 23MnCrMo5, hardening reached 800 HV0.3. These start-points are presented together with hardness profiles for samples tempered at both 453 K and 573 K. Hardness profiles for nitrided samples are presented in Fig. 6 to better depict the abnormal tempering effect observed for this treatment: hardness is kept close to the as-quenched level in the nitrogen-rich zone if tempering is carried out above 573 K, while at 453 K hardness decreases as a whole. The reported mechanical responses are then studied by transmission electron microscopy. Figure 7 presents chemical maps of sub-micrometric precipitates observed in a foil taken at 0.2 mm from the treated surface of alloy 23MnCrMo5 after carbonitriding. These maps present the main elements found to compose the precipitates, which include nitrogen, chromium, manganese and silicon. On the other hand, precipitates formed at enrichment temperatures during nitriding and carbonitriding for alloy 16NiCrMo13 show only significant amounts of nitrogen and chromium (Fig. 8) . Finally, the abnormal behavior observed after tempering nitrided specimens of alloy 16NiCrMo13 is depicted in Fig. 6 . It is studied by comparing the reference asquenched state microstructure ( Fig. 9 ) with the sample tempered at 573 K ( Fig. 10 ), comprising standard transmission micrographs, diffraction patterns (DP) and high resolution microscopy (HRTEM). Although both 
Discussion
Before proceeding with the analyses of diffusion profiles and their influence over mechanical properties, some knowledge about the equilibrium phases at enrichment temperature (1173 K) is desirable. ThermoCalc [21] was used for the simulation of pseudoequilibrium isothermal sections in terms of carbon and nitrogen contents. Using database TCFE7, carbon saturation at ∼ 1.0 wt.% is predicted for both alloys, above which M 3 C is the equilibrium carbide, as reported for some of the ternary and quaternary systems closely related to the studied alloys [26] [27] [28] . The threshold for precipitation of nitrides is found around 0.10 wt.% N in the absence of carbon and decreased slightly to 0.08 wt.% N at carbon saturation. Since these computations are performed considering all the elements listed in Tab. 1, diagrams tie-lines are not in the calculation plane and thus, these limits for precipitation of carbides and nitrides are just thresholds above which further solubility of interstitials is still possible. To illustrate this, the precipitation threshold leads to increasing the nitrogen solubility: the alloy behavior approaches the ironlike solubility limit due to the depletion of alloying elements from the matrix. Simulations show that up to a certain limit (below 0.5 wt.% N in the range of carbon contents achieved in the present work), only MN (M = Cr, Mo) nitrides are present, while higher contents lead to the precipitation of Si 3 N 4 , as expected in the iron-rich corner for the Fe-Si-N system [29] . Precipitation is accompanied by the depletion of alloying elements from the matrix, leading to increased nitrogen solubility, i.e. the austenitic matrix tends towards the Fe-N system behavior. Due to their size -submicrometer scale -and morphology kinetically favored by treatment temperature, these nitrides are incoherent with the matrix and do not represent a dislocation glide barrier. Figure 3 presents the intricate behavior of carbon and nitrogen diffusing simultaneously during carbonitriding and austenitic nitriding when compared with the singlephase diffusion of carbon during carburizing. Processing conditions led to diffusion profiles in good agreement with Dictra [21, 22] simulations for carburizing. On the other hand, carbonitriding is not properly modeled simply by constant surface activity boundary conditions derived from atmosphere thermodynamics, i.e. saturation activity for carbon and atmosphere nitrogen activity. The carbon maximum observed for both alloys in the carbonitriding simulations around 0.3 mm from the surface is mostly related to repulsion of interstitial elements between themselves, i.e. carbon-carbon, nitrogen-nitrogen and nitrogen-carbon negative interacting energies, but also by the precipitation of nitrides during enrichment and de-carburizing during nitriding, evidenced by gas chromatography with the formation of methane. Based on the measurement of this hydrocarbon output, surface reaction rate is estimated and implemented as boundary condition for carbon back-flow in order to properly simulate carbonitriding diffusion profiles. Carbon-carbon repulsion behavior is well known and reported in the literature [30] [31] [32] [33] . In order to allow the simulation of such phenomenon and the interactions between alloying elements and interstitials, Onsager [34, 35] linear approach for irreversible thermodynamics is taken into account by Dictra [21, 22] . Reasonably similar results may be achieved by integrating the time-dependent diffusion equation following the ap-proach given by Slycke and Ericsson [2] for the Fe-C-N system. This approach takes into account the dependencies of the diffusion coefficients with interstitial contents only through a geometric exclusion formalism. This implies that for low alloy steels, interaction energies amongst interstitials are much higher than with alloying elements, which play a major role only on blocking diffusion by formation of precipitates. Using the composition-independent carbon diffusion coefficient in austenite supplied by Slycke and Ericsson [2] , it can be shown, for instance, with a Crank-Nicolson [36] scheme solution of the diffusion equation, that the preexponential factor needs to be multiplied by a factor of 1.8-2.0 in order to produce the same mass intake as Dictra [21, 22] simulated values. This is in agreement with a discussion by Bhadeshia [30] . It means that C-C interactions can almost double the carbon diffusion coefficient with respect to its infinite dilution limit, i.e. in absence of carbon. Measurements of residual ammonia at reactor outlet allow the computation of nitrogen activity around value a N = 40, by taking atmospheric pressure N 2 as the reference state and equilibrium expressions given by Slycke and Ericsson [1] . This value was initially used for establishing the boundary condition for nitriding steps simulations, reasonably representing nitrogen profiles for alloy 23MnCrMo5. Regarding alloy 16NiCrMo13, this activity does not allow proper simulation of diffusion profiles, which are best fit by a nitrogen activity in the order of 10. This is probably due to the catalytic effect of nickel favoring the recombination of adsorbed nitrogen atoms and formation of N 2 or other gas phase products. Due to this deviation, nitrogen in solid solution is computed from the actual measured total nitrogen content in order to be incorporated in the hardening model.
Diffusion profiles
As-quenched hardness
Hardness profiles of as-quenched martensite presented in Fig. 5 agree with typical reported values [7, 18, 37, 38] for plain iron and low-alloy steels. Although this property is dependent on several factors such as martensite morphology, solid solution hardening and dislocation density and mobility [7] , its strongest dependence lays on interstitial content, allowing direct comparison amongst iron-based materials [18, 37] . For instance, Hutchinson et al. [18] show that for Fe-1.7Mn-0.23Si-0.12C and Fe-1.7Mn-0.21Cr-0.23Si-0.23C steels, the contribution of base alloying elements represents 10-12% of the yield strength, while grain size corresponds to about 13%, dislocations to 12-13%, martensite structure to 35-39% and interstitial atoms to 61-66%. It is assumed that the authors [18] reasoning was based on the idea that interstitial atoms behave as if they were solid solution clusters, blocking dislocation movement thanks to precipitates, and thus contributing to strengthening by a square-root dependence on their content [39] . Results by Morito et al. [40] show a linear dependence of dislocation density on carbon content. Since dislocation forest strengthening is also represented by a square-root law versus dislocation density, this term in the total strengthening also obeys a square-root dependence with interstitial content [7, [16] [17] [18] . We speculate that a similar behavior may be attributed to nitrogen in solid solution below what is known as the H-point, i.e. the composition at which BCC to BCT martensite transition occurs, accompanied by retention of austenite, since it happens at the same atomic fraction for both carbon and nitrogen [15] . Thus, the relationship proposed by Norstrom [17] may be generalized by considering the total mole fraction xi of solid solution carbon and nitrogen, i.e. the amounts of these elements that are not under the form of precipitates. These assumptions made, the knowledge of actual nitrogen in solid solution is necessary so that this element may be introduced in the model. Thermo-Calc [21] was used in the computation of the total interstitial mole fraction at each point where chemical microanalysis has been performed. Other contributions, such as depletion of alloying elements from the matrix or changes in martensite structure were considered irrelevant based on the discussion above. Figure 4 presents the plot of hardness versus x 0.5 i . Such behavior for both elements seems logical if we consider the dislocation blocking in terms of clusters of interstitials, which must increase with the relative number of interstitial atoms in the structure, since the number of barriers to dislocation movement is the actual variable governing hardness [39] . Furthermore, as depicted by Yahia [41] , the size of nitrogen in austenite is only about of 5-7% larger than carbon, thus, on the average it is expected a close blocking effect for both elements. An exhaustive study could possibly allow the introduction of a coefficient for relative nitrogen effect, thus refining this model. Two main regions characterize plots in Fig. 4 , the first for which hardness increases linearly with increasing parameter x 0.5 i followed by hardening plateau. A straight line is added in order to highlight the zone where proportionality prevails, which has its upper boundary at x 0.5 i = 0.16 before cryogenic treatment. This value may roughly be converted to w C + w N = 0.0055 (0.55 wt.%), above which no surface improvement may be achieved with room temperature oil-quench, corresponding to the well-known H-point [15] . A third zone may be considered for highly enriched zones (above x at which hardness drastically decreases due to the fast growth in the amount of γ r [15] . The decomposition of γ r with cryogenic treatment is brought to light for alloy 16NiCrMo13 in Fig. 4 by the increase in hardness produced by its transformation into martensite. No such phenomenon has been observed for alloy 23MnCrMo5 since it has not been enriched to high levels of interstitials.
Tempering effects
While the as-quenched hardness may be explained in terms of interstitial content, tempering produces a series of more complex phenomena leading to hardness decrease, as depicted in Fig. 5 where hardness after cryogenic treatment is chosen as reference state. Hardness drop is lower for carbonitriding than for carburizing in the nitrogen rich depth, this effect being fairly more pronounced for alloy 23MnCrMo5 for both temper conditions. Although the starting points for the treatments were identical (around 800 HV0.3 close to the surface), carbonitriding profiles produced hardness about 70 HV0.3 higher in the nitrogen-rich depth than carburizing alone for alloy 23MnCrMo5. Alloy 23Mn-CrMo5 has been enriched up to around 0.8 wt.% N close to the surface, what under equilibrium conditions should decrease the amount of solid solution chromium by less than 0.3 wt.% if one considers only the formation of MN nitrides. One might also expect lower martensite stability in agreement with the results by Grange et al. [37] . If we consider the precipitation of MnSiN 2 [5, 6] also depleting the matrix from manganese, martensite becomes even more unstable. As per Catteau et al. [5] , although equilibrium is not reached under the current experimental conditions, it is not far. Thus, tempering is governed by an iron-like matrix, for which the formation of incoherent Fe 16 N 2 is expected [8] [9] [10] [11] [12] [13] [14] . Nonetheless, this precipitates are known to lead to a maximum hardening during room temperature aging and lead to a hardness drop during tempering. It is proposed that the reminiscent alloying elements retard such coherent-toincoherent transformation of Fe 16 N 2 observed in plain iron [42] . Furthermore, it must be emphasized that the equilibrium nitride under these conditions, Fe 4 N, has not been observed, supporting to the aforementioned model.
Austenitic nitriding
Austenitic nitriding led to a different behavior when compared to both carburizing and carbonitriding. While the introduction of only carbon or a combination of carbon and nitrogen led to hardness decrease in the whole profile after temper, nitrided samples tend to maintain hardness close to the as-quenched state in the nitrogen rich layer if tempering is carried above a certain temperature. Even though the hold time was shorter for higher temperatures (Tab. 2), and according to H parameter giving time-temperature relations for tempering (Hollomon-Jaffe constant assumed equal to 20 [3, 43] ), stress relief with hardness drop along the profiles for all conditions was expected with increasing temperature, in contrast with experimental observations. Increasing tempering temperature to 673 K also maintains the hardness at the same level (Fig. 6 ). It is accompanied by the displacement of the hardness maximum toward the core and the hardness loss is more pronounced beyond nitrogen reach, such as depicted in Fig. 6 , what is given by the increased nitrogen mobility and possible coalescence of precipitates at this temperature. These results imply a secondary precipitation happening during temper, which counterbalances hardness loss due to the relief of internal stress. It is important to emphasize that hardness decrease is steeper for higher temperatures in zones beyond nitrogen reach, controlled by tempering of carbon-based martensite and confirming the hypothesis of precipitation during temper. This behavior may justify the improved hardness retention of carbonitriding over carburizing.
Transmission electron microscopy
Transmission electron microscopy studies revealed the martensite structure for different treatment condi- tions and stages. Focus has been given on elemental redistribution due to the formation of high temperature nitrides. Austenitic nitriding of alloy 16NiCrMo13 led (Fig. 9 ) to a lath martensite structure with a typical lath width of 200 nm to 500 nm in a region containing about 0.13 wt.% C and around 0.25 wt.% N after quenching and cryogenic treatment. Small amounts of homogeneously distributed sub-micron precipitates formed at enrichment temperature are evidenced by the contrast in these images and confirmed to be MN nitrides -where M is basically Cr -through the chemical cartographies presented in Fig. 8 . Globular as well as stud-like morphologies of MN precipitates were evidenced to cover around 1.8-2.5% of the foils crosssections while Thermo-Calc [21] predicts a volume fraction of 1.0% for the local composition. Once the areas from where chemical cartographies were taken have an average thickness of 80 nm and by assuming that all MN precipitates in the scanned volume are detected, a rough estimate of the volume fraction of this component around 0.8-1.0% can be obtained from image analyses, close enough to the predicted value and thus local equilibrium. This result provides validation to the assumptions made previously for the analysis of as-quenched hardness. The material presents shearing zones of around 100 nm × 10 nm (Fig. 9c ) composed of Fe 16 N 2 as identified by diffraction pattern shown in Fig. 9d . Analysis of Fig. 6 provided a base line to the study of tempered samples. For samples tempered at 573 K and above, homogeneous precipitation of a multitude of small -less then 5 nm Fe 16 N 2 particles in the BCC martensite matrix has been detected. These particles could explain the abnormal tempering behavior depicted in Fig. 6 , given their size and coherence with the matrix. It is proposed that the depleted alloy matrix behaves as pure Fe but with retarded precipitation of Fe 16 N 2 , leading to the observed behavior. This could be linked to a mass action kinetic limitation due to low nitrogen content, which did not allow the precipitates to reach the stable Fe4N observed for a much higher nitrogen mass fraction even at 433 K by Kaplow et al. [8] . For as-quenched alloy 23MnCrMo5 containing 0.35 wt.% C and 0.80 wt.% N, contrast and chemical maps brought to light a higher amount of high temperature precipitates than for alloy 16NiCrMo5, as expected. These may be classified into spherical/ellipsoidal and cuboid morphologies, such as depicted by the chemical maps shown in Fig. 8 . These nitrides have already been reported by Catteau et al. [6] , evidencing the precipitation of MN nitrides at grain boundaries of previous austenite and also homogeneously distributed in the matrix of alloy 23MnCrMo5, but no Si 3 N 4 (as predicted by Thermo-Calc [21] , database TCFE7) has been found either in the present work or in Catteau et al. [6] . The authors [6] also report the presence of VN, not identified in the present work, and MnSiN 2 (space group Pna2 1 [29] ) formed at relatively lower nitrogen contents with regards to the present work such as 0.25 wt.%. The presence of MnSiN 2 is confirmed in the present study but not predicted by thermodynamic calculations with the used database.
Conclusions
The present work showed that the hardening achieved through carbonitriding of low alloy steels may be predicted in terms of Norstrom [17] model if interstitial atoms are taken into account by mole fractions, allowing the inclusion of nitrogen in order to explain the as-quenched hardness. The use of computational thermodynamics software allowed the estimation of these quantities in austenite, which were considered relevant to martensite composition. The maximum hardening seems also related to the BCC to BCT structural transformation of martensite, being reflected to a total mass fraction of solid solution interstitials of 0.55 wt.%, the known H-point [15] . Tempering led to a less pronounced hardness drop for carbonitriding than carburizing, evidencing a secondary precipitation mechanism. This result is also seen from austenitic nitriding, for which a minimum temperature for such precipitation was inferred. Transmission electron microscopy analyses showed that a fine homogeneous dispersion of Fe 16 N 2 is responsible for such comportment. The presence of alloying elements is probably retarding the coherent to incoherent transformation of these precipitates, allowing such secondary hardening behavior at around 573 K. 
